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Two-dimensional finite element simulations were used to study
the effects of orientation texture on the transverse rupture
strengths of WC–Co composites. The model incorporates ob-
served microstructural geometries, anisotropic thermal and elas-
tic properties, and a fracture criterion that reproduces the
strengths of known specimens. The results show that the great-
est potential for increasing the strength occurs when the [001]
axes of the carbide grains are orientated perpendicular to the
sample loading direction. Furthermore, the strength increases in
proportion to the degree of texture, and the texture-derived
strength enhancement is greater in microstructures with a larger
contiguity.

I. Introduction

TUNGSTEN CARBIDE-COBALT (WC-Co) composites are widely
used in manufacturing processes that benefit from their

combination of high hardness, fracture toughness, strength,
and wear resistance. Like other engineering materials, it is well
known that the microstructural characteristics of these compos-
ites strongly influence their mechanical properties. In particular,
the grain size and volume fraction of the carbide phase are the
primary factors that influence mechanical properties.1–3 Recent-
ly, a two-dimensional finite element model has been used to
independently simulate the effects of carbide contiguity, angu-
larity, shape, and size distribution on the strength.4 This work
led to the conclusion that for samples of constant grain size and
carbide volume fraction, the most important factor is the con-
tiguity of the carbide skeleton. The results showed that as the
contiguity increases, higher stresses are concentrated in the car-
bide phase and that this is detrimental to the strength. The an-
gularity of the carbide crystal, the aspect ratio, and the crystal
size distribution all have smaller effects on strength. In general,
low angularity, high WC aspect ratios, and a wider crystal size
distribution are detrimental to fracture strength. Other mechan-
ical properties, such as fracture toughness, are not necessarily
expected to follow the same trends. In all of the cases studied
previously, randomly textured materials were simulated. The
purpose of the current paper is to describe the influence of grain
orientation texture on the strength of WC–Co composites.

To simulate the residual stress distributions and strengths of
real and hypothetical microstructures, we use the object oriented
finite (OOF) element code developed by the National Institute
of Standards and Technology (NIST, Gaithersburg, MD).5

OOF is designed to approximate solutions in stress–strain states
of complex microstructures (including a large number of grains)
under mechanical and/or thermal loads. Previously, this code
has been used to calculate the residual stress and elastic energy
density (EED) distributions in textured and non-textured poly-
crystalline alumina.6 In that case, texturing decreased the re-
sidual stress and stored energy. OOF has been used to study
thermal expansion-induced spontaneous microcracking in alu-
mina.7 The OOF package has also been used to calculate
Young’s moduli and thermal expansion coefficients of silicon
carbide–aluminum (SiC–Al) and double carbide (WC–Co) com-
posites.8–10 More advanced models have recently been used to
calculate the mechanical properties of metal–ceramic compos-
ites, but crystallographic properties have not been incorporated
into these simulations.11–12

The methods used in the present paper to simulate the re-
sidual stresses and strengths of textured WC–Co composites
have already been described in detail.4 Briefly, a brittle fracture
criterion is used to determine the stress at which the model fails.
This fracture criterion is based on a fracture energy set to min-
imize the difference between the calculated and experimentally
measured strengths of four specimens with a range of different
microstructural characteristics. Using this model, experimental
elastic moduli were reproduced within 2% and experimental
transverse rupture strengths were reproduced within 6%. In the
current paper, the same model is used to study the effect of
orientation texture.

II. Methods

The hypothetical microstructures described in this paper were
derived from the microstructures of four conventional WC–Co
composites with no intentionally added impurities. The samples
were consolidated by liquid-phase sintering for approximately
45 min at 14001–16001C (lower temperatures were used for ma-
terials with more Co). After sintering, the samples were polished
using a diamond abrasive and etched in Murakami’s reagent
(10 g potassium ferricyanide and 10 g sodium hydroxide added
to 100 mL distilled water) for 1 min. The reagent preferentially
etches the WC grains depending on their crystallographic ori-
entations, which leads to sharp contrast differences in AFM
images (see Fig. 1(a)). The orientations of the WC crystals were
measured using an automated electron-backscattered diffraction
mapping system (EDAX Inc., Draper, UT) combined with a
Philips XL 40 scanning electron microscope (Philips Electronic
Instruments, Mahwah, NJ). The orientation maps were record-
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ed with a 0.2–1.0 mm step size (the larger step size was used for
the sample with the largest grain size) and processed as previ-
ously described to remove spurious orientations and to obtain
an average orientation for each grain.13 The AFM and orienta-
tion data were analyzed to determine the average carbide grain
sizes and the contiguity of the carbide phase (see Table I).4 To
determine the contiguity, the positions of binder/carbide inter-
faces and carbide/carbide boundaries in AFM images were
manually traced using a computer program that uses the pos-
ition of the computer’s mouse to automatically record the vector
components of binder/carbide (lbc) and carbide/carbide (lcc) line
segments. Approximately 2500 grains in each specimen were
analyzed. The contiguity was then calculated according to the
following equation:

C ¼ 2
P

i l
i
ccP

i; j ð2licc þ l jbcÞ
(1)

The samples possessed no obvious orientation texture; this is
clear from the inverse pole figure map of sample A shown in
Fig. 1(b). The maximum value in the orientation distribution
function (ODF) derived from the orientation maps is 1.6 mul-
tiples of a random distribution (MRD).

To create textured microstructures, we begin by defining the
probability (p) of finding a crystal whose orientation places a
certain axis in the crystal frame (/100S, /111S, or /001S) D
degrees away from a specific sample axis, [100], [111], or [001],
according to the following equation:

p ¼ expð�D=bÞ (2)

The relationship between the sample and crystal reference
frame is shown schematically in Fig. 2(a), and b is a constant
that determines the intensity (or degree) of orientation texture.
We used b5 2, 10, and 25 to construct qualitatively high,
medium, and low orientation-textured microstructures,
respectively. The maxima in the ODFs of the high-, medium-,
and low-texture samples are 11.8, 3.7, and 2.0 MRD, respect-
ively. These values represent an average over an orientation
range of 51 about the maximum. The probabilities given by Eq.

(2) for the three different textures are compared in Fig. 2(b). It is
clear that in the high-texture case (b5 2), the probability of
finding a crystal with a deviation angle (D) greater than 101 is
nearly zero.

To develop microstructures that have the textures defined by
Eq. (2), orientations were assigned to the crystals in the observed
micrographs according to the following algorithm. First, a ran-
dom set of three Euler angles is selected and the angle D between
a certain crystal axis and a fixed sample axis is calculated. Ac-
cording to Eq. (2), this defines a probability between zero and
one. Another random number is then selected, also between zero
and one, and compared with the probability defined by D. If the
random number is less than the probability computed from D
and a predefined value of b, the Euler angles are accepted and,
otherwise, they are discarded. The process is repeated until the
orientations of all of the carbide crystals are assigned. Using this
method, hypothetical microstructures with (001)C//[001]S,
(100)C//[100]S, and (111)C//[111]S orientation textures were cre-
ated, where the superscript C denotes the crystal reference frame
and the superscript S denotes the sample reference frame. For
brevity, the three textures are referred to as [001], [100], and [111].

Table I. Measured Microstructural Features and Transverse Rupture Strength (TRS) for the Four Samples

Sample d (mm) l (mm) fc C TRS (GPa)

A 5.31 (3.19) 1.72 (1.35) 0.885 0.595 1.94 (0.05)
B 1.65 (0.97) 0.53 (0.39) 0.885 0.591 3.29 (0.13)
C 1.41 (0.90) 0.63 (0.48) 0.822 0.501 2.84 (N/A)
D 1.40 (0.88) 0.96 (0.81) 0.692 0.351 2.57 (N/A)

d is the averageWC diameter, l is the binder mean free path, fc is theWC volume fraction,C is the contiguity, and TRS is the transverse rupture strength, respectively. The

values in parentheses are standard deviations.

Fig. 1. Example of (a) AFM topography map and (b) inverse pole fig-
ure (IPF) map derived from electron backscatter diffraction mapping (of
sample A). The Co phase was not indexed in the IPF map and appears
black.

Fig. 2. (a) Schematic illustration of the sample and crystal reference
frames showing the deviation angle (D) between the [001]S sample axis
and a /001SC crystal axis. The sample and crystal axes are labeled with
the superscripts S and C, respectively. (b) Probability of finding a crystal
with an orientation as a function of the deviation angle (D) from a sam-
ple axis for three different texture intensity factors.
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It should be pointed out that the method we use to simulate
the textured microstructures neglects the geometric constraints
that relate the crystal shapes to orientations. It is well known
that the WC crystal shapes in WC–Co composites are trigonal
prisms or truncated trigonal prisms.13–15 For example, grains
with their /001S axis parallel to the [001] sample axis (those
appearing red in Fig. 1(b)) are nearly always triangular. In the
simulations described here, this correlation is ignored.

Each computational section (containing 600–900 WC crys-
tals) was cropped from a much larger orientation map (see
Fig. 1(b)). Table II shows the elastic constants and the coeffi-
cients of thermal expansion (CTE) that were used in the simu-
lations.16–18 The anisotropic thermoelastic properties of WC
were included in the simulations but, because the orientations
of the crystals in the binder phase were not determined, the Co
was modeled as isotropic. It turns out, however, that the iso-
tropic assumption for Co does not alter the results significantly.
Tests using random assignments of Co orientations and actual
stiffnesses yielded the same results as tests using isotropic elastic
constants. The consistency of the results from the two elastic
models derives from the fact that the residual stresses are con-
centrated in the stiffer carbide phase. After assigning orienta-
tions and physical properties, computational sections were
discretized into 1.8� 105–2.1� 105 finite elements.

In the simulations, we assume a brittle (Griffith like) fracture
process. In other words, the stress at the point where the EED
exceeds the critical threshold is taken as the fracture strength5

2gDL � 1

2
sijeijA (3)

where g is the surface energy of the cracked interface, DL is the
edge length, A is the area, sij is the stress, and eij is the strain of
an element, respectively. Although the actual fracture process in
WC–Co composites is believed to involve considerable plastic
deformation of the binder phase, we assume a linear stress–
strain behavior before failure. This brittle fracture assumption is
supported by the experimental TRS test data. Östberg et al.19,20

reported that the stress exhibits an almost linear behavior with
applied strain until failure during TRS tests below 8001C. We
also assume that failure occurs only in the carbide phase: trans-
granular in the carbide crystal or intergranular along carbide
crystals. Although it is recognized that there are four possible
crack paths (intergranular along WC/WC boundaries, inter-
granular along WC/Co interfaces, transgranular in WC crys-
tals, and transgranular in the Co), this assumption is consistent
with the theoretical fracture energy models of Sigl and Fischm-
eisters.21 They surmised that the fracture energies of the WC
phase are significantly lower than those of the WC/Co interface
and/or the Co phase. Furthermore, we assume that the fracture
energy in the carbide phase is a constant independent of the two

primary microstructural parameters: grain size and volume frac-
tion of the WC phase. Because it is not feasible to obtain the
correct fracture energy (g) distributions as a function of crystal-
lographic orientation and/or misorientation in the WC phase,
we determined an effective g that represents the whole fracture
process by comparing calculated fracture strengths and experi-
mentally measured values. The procedure for obtaining the
value used in this paper (g5 49 J/m2) is described completely
elsewhere.4

The simulations in this work were performed under plane-
stress and fixed boundary conditions (the displacement of the
surface perpendicular to the loading direction is fixed). The
elastic modulus was calculated by averaging the stress in each
element at an imposed strain of 0.0001. To calculate the fracture
strength, a combined mechanical and thermal load was applied.
Because the materials are sintered at 14001–16001C, a cooling
temperature of DT5�14001C was used as a thermal load.

III. Results

The calculated composite moduli of the hypothetical-textured
microstructures derived from sample A are plotted in Fig. 3.
There are nine distinct models, three (high, medium, and low)
[001] textures, three [100] textures, and three [111] textures. In
Fig. 3, the moduli of the [001] and [111] textured samples were
calculated by averaging the results from simulations with
elongations along the [100]S and [010]S directions. However, be-
cause of the elastic anisotropy of WC, the modulus of the [100]
textured sample was considered separately along the [100]S and
[010]S directions. Note that the stiffness along the c axis (C33) in
WC is much higher than other directions (see Table II), and this
direction is preferentially aligned along the [010]S direction of
the sample reference frame. This explains why the modulus of
the [100] textured sample is higher in the [010]S direction than in
the [100]S direction.

The dotted horizontal line in Fig. 3 denotes the experimen-
tally measured modulus of the material with no orientation tex-
ture. It is clear that as the degree of texture decreases (the
maximum of the ODF decreases from 11.8 to 2.0 MRD), the
calculated modulus approaches the value measured for the ran-
domly textured material. The modulus of the [001] textured
sample is always lower than the measured value for the ran-
domly textured material as the stiffest axis (c axis) is not aligned
along the direction of elongation. In the case of the [100] tex-
tured sample, the modulus along the c-axis direction ([010]S) is

Table II. (a) Elastic Constants and (b) Coefficients of Thermal
Expansion of the WC and Co Phases

16–18

WC Co

(a)
C11 (GPa) 720
C33 (GPa) 972
C44 (GPa) 328
C12 (GPa) 254
C13 (GPa) 267
E (GPa) 714 211
n 0.19 0.31

(b)
a11 K

�1 5.2� 10�6

a33 K
�1 7.3� 10�6

a K�1 1.4� 10�5

C11–C13 are the stiffness of WC, E is the bulk Young’s modulus, n is the Pois-

son’s ratio of WC and Co, a11, and a33 are the anisotropic coefficients of thermal

expansion of WC, and a is the isotropic coefficient of the thermal expansion of Co.

Fig. 3. Calculated modulus for samples with [001], [100], and [111]
orientation textures. The dotted line indicates the experimentally meas-
ured modulus of an untextured sample. As the sample becomes less tex-
tured (the multiples of a random distribution [MRD] value decreases),
the calculated modulus approaches the measured value for the untex-
tured material. In the legend, x denotes elongation in the [100]S direction
and y denotes elongation in the [010]S direction.
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invariably higher than the modulus of the randomly textured
material, and the modulus along the direction perpendicular to
the c axis ([100]S) is lower than the randomly textured value. The
modulus of sample with [111] texture is nearly the same as the
measured quantity, which means that the response is almost
isotropic along the [100]S and [010]S directions of the sample
reference frame.

The stress invariant 1 (s111s221s33, hydrostatic stress, here-
after SI1) and EED (0.5S(sij� eij)) were then computed for
these hypothetical microstructures. To reveal the texture effect
clearly, the simulations in Figs. 4 and 5 were subjected to only a
thermal load of DT5�14001C under free and plane-stress
boundary conditions. The same scales were used for SI1
and EED to visualize the relative distributions. The distribu-
tions in the real microstructure (no orientation texture) are il-
lustrated in the lower left-hand corners of Figs. 4 and 5. It is
apparent that the sample with a high [001] texture shows re-
duced stresses and EEDS. As the intensity of the texture de-
creases, the stress and energy distributions resemble the original
distributions.

The fracture strength was calculated under a combined ther-
mal and mechanical load in six of the nine sections (three with
[001] texture and three with [100] texture, from sample A).
Simulations were carried out under the same conditions as in
the real microstructure (plane-stress and fixed boundary condi-
tions, and DT5�14001C). The cases where the most compliant
axis is along the loading direction ([001] texture) and where the
least compliant axis is in the loading direction ([100] texture
loaded along [010]S) bound the range of responses, and these
results are presented in Fig. 6. Note that the strength of the [001]
textured sample is the average of results from elongation in the
[100]S and [010]S directions and the strength of the [100] textured
sample was obtained by elongation in [010]S. The results show
that the [001] textured samples clearly have a higher strength;

the dotted line indicates the calculated strength of the untex-
tured material (1.83 GPa). Even in the calculations with stress
parallel to the stiffest axis ([010]S direction of [100] texture), the
calculated strength is not worse than that of the real micro-
structure. The result indicates that the strength can be poten-
tially increased between 2% and 13% by texturing the sample.

To generalize the results derived from sample A, we expand
the calculation to other specimens (B, C, and D). Three different
sections have been analyzed for each microstructure. The cal-
culated fracture strength increase (%) is given in Fig. 7A. The
results are based on 72 independent simulations (there were four

Fig. 4. Thermal stress (SI1) distributions for samples with different
orientation textures after cooling 14001C. The same scale is used for each
figure. The label in each panel indicates the type of texture and the peak
value of the orientation distribution functions.

Fig. 5. Elastic energy density distributions for samples with different
orientation textures after cooling 14001C. The same scale is used for each
figure.

Fig. 6. Calculated fracture strength (left ordinate) and fracture strength
increase (right ordinate) for [001] and [100] orientation textures. The
dotted line represents the calculated strength of the real microstructure
with no texture.
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different specimens, six different textures for each specimen,
and three different sections for each case). The range of the
calculated fracture strength increase was calculated to be �2%
to 13%. For all of the microstructures, the maximum strength
was found in the highly textured [001] samples, and the min-
imum strength was found in the [010]S direction of highly tex-
tured [100] samples. In the [010]S direction of the highly textured
[100] sample, the calculated strength was sometimes lower than
that of the real sample; note that the minimum change in spe-
cimen C is �2%. Thus, although orientation texture usually in-
creases the strength along a certain direction, there are also cases
where the strength is reduced. It was found that the relative
maximum increment of the strength for different specimens is
linear with the contiguity of the samples (see Fig. 8).

IV. Discussion

There are two mechanisms by which texture influences the
strength of WC–Co composites. The first is that as the degree
of alignment of the carbide crystals increases, the thermal ex-
pansion incompatibilities that arise during cooling are minim-
ized. As a result, the residual stresses are decreased and this
contributes to the increased strength of the material. The second
mechanism is related to elastic anisotropy of the carbide. The
carbide crystals are more compliant in the directions perpen-
dicular to the [001] axis. Therefore, when these more compliant
directions are aligned along the direction of elongation, the

stresses that develop are lower than for an average orientation
and this leads to greater strength.

We also find that the strength enhancement increases with the
contiguity of the carbide. To avoid confusion, we should note
that the texture-induced strength enhancement within separate
specimens is not necessarily correlated to the comparative
strength of different specimens. For example, for two untex-
tured composites with the same composition and grain size, but
different contiguity, we expect the low-contiguity specimen to be
stronger. If the two specimens are then textured by the same
amount, the fractional increase in strength will be greater in the
high-contiguity sample, even though the absolute strength of
this sample might be less than the low-contiguity sample. The
reasons for this are that as the contiguity of the carbide network
increases, the thermal expansion mismatches between the car-
bide grains increase. This leads to greater residual stresses. The
textured alignment of the carbide crystals reduces thermal ex-
pansion mismatches. Because the reduction of thermal mis-
match is more pronounced in high-contiguity composites, the
strength enhancement is greater. It should be noted that this
conclusion is probably dependent on the validity of the so-called
‘‘skeletonized carbide’’ hypothesis that we have adopted in this
work.22 In other words, we assume that there is a contiguous
carbide phase throughout the microstructure. This assumption
is supported by transmission electron microscopic studies that
conclude that there are direct carbide-to-carbide transitions at
the grain boundaries.23 However, it has been reported that car-
bide/carbide grain boundaries always contain Co as a sub-
monolayer segregant and this has led some to propose a ‘‘dis-
persed carbide’’ model that assumes that the carbide crystals are
dispersed in a continuous binder phase.24,25 In the calculations
described here, it is assumed that even if a small amount of Co is
present at the grain boundaries between carbide crystals, the
boundaries remain brittle and are more nearly like the bulk car-
bide phase than the bulk Co phase.

It is likely that the strength might be further enhanced by also
controlling the distributions of grain boundary misorientations.
Calculations of thermally anisotropic polycrystals have recently
demonstrated that changing the distribution of grain boundary
misorientations (while the grain orientation distribution is con-
stant) can significantly reduce the residual stresses.26 By analogy
with the calculations described here, reduced residual stresses
should lead to increased strength. As a general result, increasing
the number of low misorientation angle grain boundaries re-
duces the residual stresses.

In addition to orientation and misorientation textures, the
distribution of grain boundary planes can also influence residual
stresses.26 As mentioned in Section II, we have not accounted
for the correlation between the grain orientation and the trigo-
nal prismatic shapes of the carbide grains. However, in an earlier
study that did consider the effect of shape on strength, and used
the same model as the current work, it was found that when
circular and triangular carbide grains were compared, there was
only a 3% difference in strength.4 Therefore, shape is not ex-
pected to influence strength more than texture. In fact, if we
compare the current results with the conclusions in Kim et al.,4

we can summarize in the following way. The most important
aspects of the microstructure are the grain size and the carbide
volume fraction. Texture and contiguity are the next most in-
fluential. Angularity, shape, aspect ratio, and grain size distri-
bution are all subordinate parameters. If these predictions are
accurate and the increases in strength are additive, then it can be
concluded that for a fixed grain size and carbide volume frac-
tion, WC–Co composites with low contiguity, a high degree of
orientation texture, equiaxed, angular carbide crystal shapes,
and a uniform carbide grain size distribution will display the
optimum fracture strength.

V. Conclusion

We have used a two-dimensional finite element model to com-
pute the strengths of hypothetical WC–Co composites with a

Fig. 7. Calculated fracture strength increase for hypothetical micro-
structures. The bars for each sample show the range of calculated
strength increase for different textures and sections.

Fig. 8. Calculated maximum fracture strength increase for each grade
as a function of contiguity. Error bars indicate the standard deviation in
the calculated result using different sections of each sample.
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range of different microstructures and orientation textures. The
results show that the greatest potential for increasing the
strength occurs when the [001] axes of the carbide grains are
orientated perpendicular to the sample loading direction. Fur-
thermore, the strength increases in proportion to the degree of
texture and the strength enhancement deriving from the texture
is greater in microstructures with a larger contiguity.
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